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An investigation is reported of structural and hardness changes during the precipitation
of Cry; C¢ from fcc supersaturated solid solution in various alloys of the Co—Ni—Cr—C
system containing 25wt % Cr and 0.15 to 0.25 wt % C. The work extends results pre-
viously reported on a Co—25.3 wt % Cr—0.26 wt % C alloy, by studying the effect of
adding nickel to replace cobalt (either wholly or completely) and hence changing the
stacking fault energy. The addition of 10% nickel was found to increase the nucleation
rate of matrix precipitation; precipitate particles also nucleated on partial dislocations
with associated stacking fault formation. With approximately 55% nickel and 0.15%
carbon, there was little matrix precipitation; instead precipitation occurred predominantly
on dislocations, as rods growing along {1 1 0} directions; the main climb morphology was
the formation of dislocation dipoles. Substantial precipitation hardening effects were
obtained, particularly in the cobalt-rich alloys with 0.25% carbon. In a ternary

Ni—25 wt % Cr—0.25 wt % C alloy, a non-uniform precipitate dispersion formed involving
nucleation in the matrix and on dislocations. An investigation was also made of the
effect of prior strain (1 to 10%) on the ageing of the Co—25.3 wt% Cr—0.26 wt % C alloy.
Deformation of the f ¢ c solution-treated material produced faulting and also the
formation of h ¢ p € phase. On ageing, Cr,; C4 precipitation occurred within the €
lamellae; at long ageing times after 10% deformation carbide particle coarsening, and
matrix recrystallization occurred concurrently, and the recrystallization was accompanied
by the transformation of the fcc¢ matrix to hcp € phase.

1. Introduction

In commercial cobalt-based superalloys, carbide
dispersions contribute substantially to high tem-
perature strength, and alloys are typically based
on the Co--Cr—C system. Investigations reported
on such superalloys, although less extensive than
those on austenitic steels, have elucidated some of
the structural aspects of carbide precipitation, e.g.
[1-5]. In the case of typical nickel-based super-
alloys, the high temperature strength depends to
a large extent on 7 dispersions; however, the
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carbide precipitation at grain boundaries is of
importance in relation to creep properties and it
is also of interest to study the potentialities of
intra-granular precipitation as a strengthening
mechanism.

The work reported here is concerned with the
precipitation of Cr,3Cs in certain alloys of the
Co—Ni—Cr—C system. The work develops from
previously reported results of Cr,3C¢ precipitation
from supersaturated solid solution in a
Co—-253wt%Cr—0.26 wt %C alloy [3—5]. The
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effect is reported of adding nickel to replace
cobalt, the highest nickel content studied being
a ternary composition Ni—-25 wt % Cr—0.25 wt % C.
This range of compositions selected was intended
to allow a study of the influence of matrix
stacking fault energy on the precipitation processes.
An investigation has also been made of the effect
of prior plastic strain on the ageing of the
Co—25.3 wt % Cr—0.26 wt % C alloy.

TABLE I Alloy compositions (wt %)

Alloy Co Ni Cr C

1 balance (74.44) — 253 0.26
2 balance (64.75) 10 25 0.25
3 balance (64.85) 10 25 0.15
4 20 balance (54.85) 2S5 0.15
5 - balance (74.75) 25 0.25

2. Experimental procedure

The alloy compositions are listed in Table I. The
Co—-25.3Cr—-0.26C alloy, previously studied by
Ramaswamy ef al {3] was prepared by C.N.R.M.
Belgium, and was supplied in wrought form. This
was taken as a basis of comparison for studying
the effect of an addition of 10wt % nickel (alloy
2). The effect of reducing the carbon content to
0.15 wt % was studied in a nickel-containing alloy
(3). The nickel-based alloy, (5) (Ni~25 Cr—0.25 C)
was chosen for comparison with the cobalt-based
composition, but constitutional data are lacking
for the Ni—Cr—C system and it was found that
the carbon content chosen was considerably in
excess of the solubility limit. Accordingly, in
choosing a nickel-based alloy containing cobalt,
a carbon level of 0.15% was selected (alloy 4),
providing a comparison with alloy 3.

Alloys 2 to 5 were prepared as arc-melted
ingots (~50g) and the procedure involved several
remelts to achieve homogeneity. To minimize loss
of carbon during arc-melting the carbon levels
were controlled by using the Co—Cr—C alloy and
binary Co—2.4wt% C and Ni—-1.7 wt % C alloys as
master alloys. The purities of the basis materials
used in the preparation of the binary master alloys
and in making up furnace charges were nickel
(~99.95%), cobalt (99.9% minimum) and
chromium (~99.8%). Except for the Co—Cr—C
alloys, chemical analysis was not carried out.
However, by using the master alloys, and with
only a small weight loss occurring in melting, the
actual compositions are considered to be close
to the values listed in Table 1.

The arc melted ingots were sealed in silica
capsules under 1/3 of an atmosphere of high
purity argon, and were homogenized for 24h at
1300° C followed by water quenching. The ingots
were then hot-rolled at 1200°C to sheet of
thickness ~0.7 to 1.0mm. After surface grinding
of the sheet, samples were cut for structural and
hardness studies; these samples were sealed in
silica capsules under 1/3 of an atmosphere of
argon and solution treated for 1 h at 1300° C. The
usual water quenching procedure involved
breaking the capsules below the surface of the
water bath. For ageing treatments carried out in
the range 650 to 1100° C, specimens were again
sealed in silica capsules under argon. Some
specimens were strained at room temperature (1%
in tension, or 5 or 10% by rolling) prior to ageing.

The preparation of specimens for light micro-
scopical examination involved electrolytic etching
using 5% aqua regia or 10% HCI in ethanol. Speci-
mens for electron microscopy were prepared by
electropolishing disc specimens (~0.01 mm thick)
using a jetting technique with 20% perchloric
acid/80% acetic solution at ~ 15° C. In some cases,
discs were given a final polish using the window
technique and a more dilute electrolyte.

3. Experimental results

3.1. Structural features of solution-treated
materials

The matrix structure of all the alloys after solution

treatment and water quenching was fcc, but some

carbide particles remained undissolved; the

amount of carbide was appreciably greater in the

nickel-based alloys. The grain size was typically

about 0.1 mm.

In the cobalt-based alloys the dislocation sub-
structure was inhomogeneous; in some regions
dislocations were widely dissociated but in others
they were undissociated. Clusters of overlapping
stacking faults (found to be intrinsic) were a
common feature [5]. The density of faults was
related primarily to the distribution and amount
of undissolved carbides, and a high density of
faults existed around the carbide particles.

In the nickel-based alloys the distocations lay
in planar arrays, and no dissociation was observed.
Perfect dislocations were “punched out” around
carbide particles. In the Ni—Cr—C alloy (5) there
was evidence of localized melting having occurred
at the grain boundaries during solution
treatment.
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Figure I Hardness versus ageing time data for the Co—
25Cr—0.26 C and the Co—25Cr—10Ni—0.25 C alloys.

3.2. Carbide precipitation in the
Co—25Cr—10Ni—C alloys
The hardness response on ageing the Co—25 Cr—
10Ni—0.25 C alloy is shown in Fig. 1, and alsc in
Table II, together with data for the other alloys.
The hardness increments were slightly greater in
the Co—25Cr—10Nj—0.25C alloy than in the
Co—-253Cr—0.26C alloy for comparable heat
treatments, although the levels of hardness
achieved at long ageing times were slightly lower.
In the Co—-25Cr—10Ni—0.15C alloy the in-
crements were substantially smaller than in the
higher carbon material.

Electron microscopical examination of the
0.25C alloy aged for 2h at 700°C showed a
structure similar to that of the ternary alloy as
previously reported [5] ; matrix nucleated particles
of Cry3Ce of ~80 A diameter were present with a
greater particle density than in the ternary alloy
(Fig. 2). Repeated nucleation of carbide also
occurred on the Frank partials bounding extrinsic
stacking faults developed from matrix carbide
particles and the fault density was significantly
greater than in the ternary alloy; the faults formed
at shorter ageing times. Dislocation climb precipi-
tation was more widespread than in the ternary
alloys; it occurred on {110} planes, and was
frequently initiated by matrix particles, in a
similar manner to the nucleation of stacking
faults.

TABLE I1 Hardeness increments obtained on ageing at
700° C

Alloy Solution  Incre- Ageing
treated ment  time
hardness  (Hy)  (h).
(Hv)

1 Co-25.3Cr-0.26C 290 185 500

2 Co-25Cr-10Ni-0.25C 250 210 300

3 Co-25Cr-10Ni-015C 215 65 200

4 Ni-25Cr-20Co-0.15C 165 105 50
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Figure 2 Co—25Cr—10Ni—0.25C alloy, solution treated
1h at 1300° C, water quenched and aged 2h at 700° C.
Bright-field micrograph showing the matrix precipitates
and stacking faults.
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Figure 3 Hardness versus ageing time data for Co—25Cr—
10Ni—0.15C and Ni—-25Cr—10Ni—0.15C alloys.

Examination of the lower carbon alloy (0.15 C)
aged for 24h at 650° C showed the presence of
extensive matrix precipitation comparable in
amount with the ternary alloy. In the later stages
of ageing the particles coarsened more rapidly than
in the 0.25 C alloy.

3.3. Carbide precipitation in the

Ni—-25 Cr—20Co—0.15 C alloy
The hardness versus ageing time curves in Fig. 3
and the data in Table Il show that the hardness
increments were greater in the Ni—25 Cr—20 Co—



(a)

Figure 4 Ni—25Cr—20Co0-0.15C alloy solution treated 1h at 1300° C and water quenched. {(a) Aged 1h at 700° C.
Bright-field micrograph showing distocation dipoles and thin rods of Cr,,C,. (b) Aged 24 h at 650° C. Dark-field micro-
graph showing matrix-nucleated particles and dislocation-nucleated rods. (¢) Aged 100h at 650° C. Bright-field micro-
graph showing complex tangles of dislocation and particles. (d) Aged 80h at 600° C. Bright field micrograph showing
growth of matrix particles along <1 1 0 directions.

357



0.15C alloy than in the Co—25Cr—10Ni—0.15C
alloy. There was little variation of the increment
with change in ageing temperature.

After 1 h at 700° C (Fig. 4a) carbide nucleation
had occurred predominantly on dislocations, only
a few matrix precipitates being observed. Some

repeated nucleation in association with dislocation
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Figure 5 Co-25Cr—0.26C alloy solution treated 1h at
1300° C and water quenched; deformed 1%. (a) Bright-
field micrograph showing thin e lamellae of hcp € phase.
(b) Diffraction pattern showing presence of hcp ¢ phase,
with sireaked reflections associated with thin e lamellae.
(c) Diagram identifying reflections in (b).

climb was apparent, but the predominant climb
morphology was the formation of dislocation
dipoles. This occurred by the climb of short
segments of the original dislocations, and was
associated with the formation of thin rods of
Cry3C¢ along {1 10) directions. Selected area dif-
fraction examination confirmed the presence of
Cry3Cq  exhibiting the cube—cube orientation
relationship.

The structure after ageing for 24h at 650°C
(Fig. 4b) showed the following features: (i) there
was a low density of matrix-nucleated particles
(~10" ecm™?), of diameter 170 A. (ii) Dislocation-
nucleated rods were present of thickness ~150 to
200 A, and length up to 0.5 um. Growth of these
rods was rapid, along (110} directions, and the
dislocation remained attached to the tip of the
rod, producing the observed dipole. (iii) Repeated
nucleation subsequently occurred on the dipoles as
they climbed on planes whose normals were
perpendicular to the growth direction of the rod;
this growth took place on {110} planes, and
also appeared to occur on {111} planes on some
occasions. (iv) In some cases climb occurred more
uniformly on {1 10} planes normal to the Burgers



vectors producing arrays of carbides ~80A in
diameter on {110} planes. This behaviour was
associated with dislocations of pure edge character,
and rod formation was usually associated with
dislocations of mixed or screw character. (v)
Commonly, complex tangles of dislocations and
particles were produced at long ageing times
(Fig. 4¢).

Ageing at 600° C proceeded less rapidly, and
Fig. 4d shows the microstructure after 80 h ageing.
Similar climb mechanisms were operative, but
matrix nucleation was more widespread. The
matrix particles grew rapidly along (1 1 0) directions,
producing elongated loops similar to the dipoles
observed at 650 and 700° C. Repeated nucleation
was also more extensive,

3.4, Carbide precipitation in the
Ni—25 Cr—0.25 C alloy

Electron microscopical examination of specimens
aged for Sh at 700°C revealed the precipitate
distribution to be inhomogeneous and to be
influenced by the presence of the high density of
undissolved carbide particles. These undissolved
particles were surrounded by high densities of
fine Cry3Cq precipitate, while in areas free from
undissolved carbides, precipitates formed mainly
on dislocations. The inhomogeneity of precipi-
tation may originate from localized melting during
the homogenization treatment. Within the grains
there was sufficient solute supersaturation to
cause repeated nucleation on climbing 2/2 {110}
dislocations; this occurred on {110} planes
normal to the Burgers vector of the dislocation.

On ageing at 650° C matrix precipitate densities
comparable to those in the Co—25.3Cr-0.26C
alloy were produced in some areas, but the particle
distribution was in general non-uniform.

3.5. Deformation substructures

Electron microscopical examination of samples of
the Co—25.3 Cr—0.26 C alloy strained 1% in tension
after solution treatment showed that deformation
proceeded primarily by faulting. Although some
undissociated dislocations were observed, intrinsic
stacking faults were frequently seen to be grouped
in clusters, and in some cases thin lamellae were
formed (e.g. Fig. 5a) which produced additional
spots in diffraction patterns. These spots could not
usually be indexed according to fcc twinning, but
could be indexed according to the h ¢ p unit cell of
the e phase (Fig. 5b). This deformation-induced

hcp phase possessed the characteristic fcc/hep
orientation relationship involving a parallelism
between close-packed planes and directions. The
streaking in the diffraction maxima in Fig. S5a
results from the small dimension of the hcp
lamellae along the streak direction [111]. The
sharpness of the peaks in the streaked reflections
indicates a high degree of order of the faults in
the h ¢ p stacking sequence, and thus demonstrates
the presence of a lightly faulted h ¢ p phase, rather
than an fcc structure containing a high density
of randomly distributed faults.

Larger strains (5 and 10%) induced by rolling
this alloy at room temperature produced structures
containing faulting on intersecting {1 11} planes
and increased amounts of the hcp e phase. Dif-
fraction patterns frequently contained reflections
from more than one variant of the h ¢ p phase. The
hardness of the solution-treated alloy (290 Hy,)
was markedly increased by deformation; strain of
1, 5 and 10% produced hardnesses of 305,352 and
390 Hy, respectively.

The Co-25Cr—10Ni—0.25C alloys showed
similar structural behaviour to that of the ternary
alloys.

3.6. The effect of prior deformation

on ageing
Samples of the Co-25.3Cr—0.26C alloy were
aged at 650 and 700° C for times up to 500 and
100h respectively after 1% and 10% deformation,
to investigate the influence of the pre-existing
dislocation substructure on the ageing behaviour.

3.6.1. 1% deformation
The modes of precipitation were not markedly
changed by 1% prior deformation. Thus, the
density of matrix precipitation was similar to that
in specimens aged without deformation. Precipi-
tation was also observed in association with
extrinsic stacking faults, although the tendency
was clearly for these to be produced near to the
intrinsic deformation faults and in association with
dislocations. A number of faulted loops were
produced around matrix particles, being mainly
in areas largely free from pre-existing dislocations.
The dark-field micrograph of the structure after
24h at 660° C (Fig. 6) allows the distinction to
be made between the intrinsic deformation faults
(1) and the extrinsic faults produced during ageing
(E). Thus, extrinsic fault formation appears to
be associated with intrinsic faulting. In some
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Figure 6 Co—25Cr—0.26C alloy solution treated 1h at
1300° C, water quenched and deformed 1%; aged 24 h at
650° C Dark-field micrograph (g=111) showing in-
trinsic (I) and extrinsic (E) faults. At X fringe contrast
is absent due to formation of extrinsic fault on the same
plane removing the intrinsic fault.

regions, the normal fringe contrast of the intrinsic
faults is seen to be absent, e.g. at X, and this was
shown to be due to the formation of an extrinsic
fault on the same plane, which removes the in-
trinsic fault,

The overall rate of precipitation in the fcc
matrix did not appear to be changed by 1% de-
formation. However, Cr,;C¢ precipitation in the
form of plates orlath-shaped particles was observed
within the thin lamellae of hcp e phase, being
nucleated at defects. The orientation relationship
was found to be (111)¢ ¢, 1(0001)y,ep,
[110]¢r,,c, I [1120]hcep. The habit plane was
(000 1), and the-growth direction was {1 120).
The observed orientationship relationship is
closely similar to that observed between Cry;Ce
and the f ¢ ¢ matrix.

The hardness changes on ageing were not
studied in detail, but ageing for 1h at 800°C
produced a hardness of 360Hy, compared with
340 Hy for underformed material similarly aged;
this small difference probably reflects the effect
of deformation on the solution-treated material.
360

3.6.2. 10% deformation

On ageing for Sh at 700° C after 10% deformation,
rapid precipitation producing coarse particles of
Cry3Cs occurred in bands of e phase (similar to
the effect observed in the material deformed 1%),
while precipitation in fcc v took place much more
slowly (Fig. 7a). There was a low density of matrix
precipitates of somewhat non-uniform distribution.
Precipitation also occurred in association with
stacking faults in a few instances, but the density
of faults produced during ageing was drastically
reduced by comparison with the material aged
without deformation. With increase in ageing time,
both carbide coarsening and recrystallization
occurred concurrently. Recrystallization was
accompanied by the transformation of the matrix
to hcp e phase. Fig. 7b shows the coarse, non-
uniform dispersion of carbides present after 100h
at 700°C; various carbide morphologies are
seen — rod-like, roughly equiaxed and lamellar, the
latter apparently having formed in association with
the recrystallization reaction.

The progress of concurrent precipitation and
recrystallization was also examined for ageing at
650° C. The density of Cry3Cg precipitates within
the fcc and hcp phases was significantly greater
than at 700° C. Particle growth continued in both
matrix phases, until after 300h partial recrystal-
lization had occurred. After 500 h, recrystallization
was essentially complete and a non-uniform
dispersion of Cr,3C¢ particles existed in a relatively
fault-free h ¢ p matrix. Fig. 8 shows various carbide
morphologies (predominantly lamellar).

It was not always possible to differentiate
between precipitates formed in the fcc matrix
prior to recrystallization and those found in
association with the recrystallization reaction in
the h ¢ p phase.

During ageing at 700° C the as-deformed hard-
ness of 390 Hy, was increased to ~430Hy, after
1 h, with little subsequent change up to 100h. At
650° C the hardness level after 500 h was 440 Hy, .

4. Discussion

4.1. The solution-treated state

In the cobalt-rich alloys the f ¢ ¢ phase was retained
at room temperature. However, it was found that
lowering the carbon content to 0.10wt % in the
case of the ternary Co—Cr—C alloy raised the
fcc—=hcep transition temperature (i.e. M) thus
allowing some hcp € phase to form. Some ob-
servations on a Co—10 Cr—0.1 C alloy showed that



Figure 7 Co—25Cr-0.26C alloy solution treated 1h at 1300° C water quenched and deformed 10%. (a) Aged Sh at
700° C. Bright-ficld micrograph showing coatse precipitation in e phase. (b) Aged 100h at 700° C. Bright-field micro-
graph showing crystallization and carbide coarsening.

Figure 8 Co—25Cr-0.26C alloy solution treated 1h at 1300° C, water quenched and deformed 10%; aged 500h at
650° C. Bright-field micrographs (a) and (b) showing various carbide morphologies.
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the fcc and hcp phases were heavily faulted and
that the transformation therefore involves the
motion of Shockley partial dislocations. In the
C0-25.3Cr-0.26C alloy and the Co-25Cr—
10Ni—C alloys, although the M was below room
temperature, the formation of € phase by deform-
ation at room temperature indicated that My was
above this temperature.

The observed dislocation structures in the
present work conform to those expected on the
basis of stacking fault energy. In the cobalt-based
alloys the stacking fault energy was apparently so
low that the dislocations were completely dis-
sociated. Previous work [8] on the room tempera-
ture deformation of Co—Ni alloys indicated a
transition from e phase formation in the cobalt-
rich range to deformation twinning (with uniformly
distributed dislocations) as the nickel content is
raised; the formation of dislocation “cell” struc-
tures was observed in the nickelrich alloys.
Co—Cr—Ni—C alloys studied in the present work
showed the same trend with increasing nickel
content. However it should be noted that
chromium in the composition range used reduces
the stacking fault energy [7]. In agreement with
stacking fault energy data [9,10] the presence
of 20% cobalt in the Ni—Cr—Co alloy did not
markedly influence the dislocation substructure,
and in each of the nickel-rich alloys investigated,
dislocations lay predominantly in planar arrays. In
terms of Kotval’s classification [1] the cobalt-rich
alloys are considered to be class III (low SFE) and
the nickel-rich alloys class II (medium SFE).

The density of faults in the cobalt-rich alloys as
solution-treated was related mainly to the distri-
bution and amount of undissolved carbides. Fault
formation is attributed to the differential thermal
contraction stresses between the carbide particles
and the matrix, during quenching from 1300°C.
In the nickel-based alloys, no dislocation dis-
sociation was observed and the thermal stresses
around the carbide particles were relieved by the
punching-out of perfect dislocations.

4.2. Carbide precipitation

4.2.1. Matrix precipitation

Comparison of the Co—25 Cr—10Ni-0.25 C alloy
with the ternary Co—Cr—C alloy aged at 700° C
shows a greater density of matrix precipitation in
the former case, indicating a greater nucleation
rate. The Co—25Cr—10Ni—0.15C alloy showed
an initial nucleation rate comparable to that in the
362

Co—25.3 Cr—-0.26 C alloy; therefore the effect of
10% nickel appears to be sufficient to outweigh
any decrease in solute supersaturation with the
lower carbon content. The predominant factor
in this case may be an increase in the diffusion
rate of the controlling species, brought about by
the presence of 10% nickel. Other factors that
may change with increase in nickel content of
the Co—Cr—Ni—C alloys, and hence may affect
the nucleation kinetics, are the equilibrium solu-
bility of carbon in the matrix (and hence the
supersaturation) and strain and surface energy
parameters; however, data are lacking to show
the extent to which these factors are significant.

Comparing the Ni—25 Cr—20Co—-0.15C alloy
with the Co—25Cr—10Ni—-0.15C alloy aged at
650° C (Fig. 4b) the density of matrix precipitates
was somewhat lower in the nickel-based alloy.
Furthermore, in this nickel-based alloy, precipi-
tation was almost entirely heterogeneous at 700° C
and only at 600° C was matrix precipitation the
major decomposition mode. Thus, the results show
that matrix precipitation in the nickel-rich alloys
occurs less easily than in cobalt-rich alloys of
similar carbon content.

The strong dependence of matrix particle
density on ageing temperature in the Ni—Cr—Co-—-C
alloy suggests a sharp change of supersaturation
with temperature. The difference in precipitation
characteristics between the cobalt-based and
nickel-based alloys studied may be due partly to
differences in carbon solubility and hence in
carbon supersaturation, but differences in retained
vacancy concentration may also be important [5].

The growth of the matrix-nucleated precipitates
in the cobalt-based alloys and in the Ni—Cr—Co—C
alloy, involving eventually the formation of a
lath shape, was observed to occur in the manner
described by Singhal and Martin [11]. The initial
loss of coherency of matrix precipitate particles
appears to occur by the formation of a single
loop in both the cobalt-based and nickel-based
alloys. In the Co—25.3 Cr—0.26 C alloy the loops
were dissociated. However, in the nickel-based
alloy the loops were perfect prismatic and lay
on {110} planes of the matrix; this behaviour
was noted to some extent in the Co—25 Cr—10Ni—C
alloys, which suggests that the type of loop
formed is dependent on the stacking fault energy.

4.2.2. Dislocation-nucleated precipitation
In the cobalt-based alloys the main mode of hetero-



geneous nucleation was the repeated nucleation on
Frank partial dislocations associated with stacking
fault formation; the nucleation and growth
processes, including the behaviour in regions ad-
joining grain boundaries, have been discussed
elsewhere [5].

In the Co0-253Cr-0.26C alloy deformed
before ageing, nucleation occurred at defects
within the lamellae of hcp e phase. In the trans-
formation of the fcc matrix to € phase that
accompanies recrystallization, the € appears to
form by a diffusional mode rather than by
martensitic transformation of the solute-depleted
fcc phase on subsequent cooling. This can be
inferred from the fact that the recrystallized areas
contained only a low density of stacking faults and
dislocations, whereas a martensitic transformation
on cooling would produce a heavily faulted hcp
phase; however, the possibility may exist of a
non-martensitic transformation during cooling
producing an equiaxed hcp structure [12]. The
lamellar carbides present after long ageing times
probably formed in association with the movement
of a boundary between recrystallized and un-
recrystallized matrix regions, i.e. by a discon-
tinuous precipitation reaction. Observations of
carbide precipitation in the e phase and of the
simultaneous occurrence of recrystallization and
carbide coarsening have been reported for
Co—Cr—Mo—C alloys [6].

With increasing nickel content there was a
trend to dislocation climb precipitation. Cr,3Cg
precipitate growth occurred more rapidly in the
nickel-based alloy than in cobalt-based alloys of
similar carbon content. At 700° C precipitation
was almost completely dislocation-nucleated and
it appears that the undissociated a/2¢110) dis-
location is more effective as a nucleation site and
as a source of solute by pipe diffusion, than is the
Shockley partial dislocation in the cobalt alloys.
The increased efficiency as a nucleation site is
consistent with the larger value of the Burgers
vector [13]. Extrapolation of available high
temperature diffusion data indicates that at a
typical ageing temperature of 700° C the rate of
chromium diffusion in Ni—Cr alloys is ~4 times
greater than in the comparable Co—Cr alloys.
Assuming that chromium diffusion is rate
controlling, this could significantly affect the
precipitation kinetics.

Previous studies of carbide precipitation in
association with climbing /2 {110} dislocations

have shown that climb may take place on {110},
{100}, or {111} planes [14,15]. The present
results in the nickelrich alloy demonstrate that
the selection of climb plane can be influenced by
particle shape effects. The formation of thin, lath-
like particles of Cr,3C4 in the Ni—25 Cr—20Co—
0.15C alloy along (1 1 0) directions not contained
in the slip plane of the dislocation, forces dis-
location climb to occuron {1 1 0}and {1 1 1}planes.
This process is similar to that observed in a steel
of composition 16 Cr—22 Ni—0.28 C by Kegg and
Silcock [16] who showed that (i) when the lath
axis is normal to the Burgers vector, climb occurs
on the {1 10} planes normal to the Burgers vector,
(ii) when the lath is at 60° to the Burgers vector,
climb occurs on a {1 11}plane which contains the
lath axis and is at 55° to the Burgers vector.

In the present case both of these configurations
have been observed, with {110} climb predomi-
nating, although frequently the irregular nature
of the climb process made positive identification
of the climb planes impossible. At lower ageing
temperatures climb precipitation was initiated
by loop formation at growing matrix particles
in a similar manner to that in the cobalt alloys.
In this case subsequent climb took place on {1 10}
planes since the Burgers vector was normal to
the lath axis.

The climb process was fairly irregular so that
meaningful quantitative data could not be ob-
tained. However, examination of a number of
precipitate arrays indicated that the number of
vacancies produced by climb (determined from
the area of climb) was easily sufficient to satisfy
the requirements of the growing particles.

5. Conclusions

(1) The addition of 10 wt % nickel to a Co~25 Cr—
0.26 C alloy increased both the rate of nucleation
and growth of matrix-nucleated Cr,;3C,4 particles;
the incubation time for stacking fault precipitation
is reduced, and the number of extrinsic faults
generated is increased.

(2) In an alloy containing Ni—25 Cr—20 Co—
0.15C there is little matrix precipitation and
carbide nucleation occurs predominantly on dis-
locations in lath-shaped form. The stacking fault
energy appears to affect the relative rates of
heterogeneous and “homogeneous” nucleation by
influencing the nature and distribution of dis-
locations in the as-quenched state and hence,
indirectly, the retained vacancy concentration.
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Repeated nucleation of Cr,3C¢ occurs solely in
association with climbing dislocations and there
is no evidence for Frank partial precipitation;
the climb plane may be {1 10}or {111}.

(3) The transition from “‘stacking fault precipi-
tation” (Frank partial precipitation) to dislocation
climb precipitation as the nickel content is
increased cannot be uniquely ascribed to a single
factor. Relevant factors include increase in
stacking fault energy, the ease of nucleation and
the rate of precipitation. Also the degree of super-
saturation after solution treatment may be lower
in the nickel-rich alloys than in the cobalt-rich
alloys.

(4) Substantial hardening can be achieved from
carbide precipitation, particularly in the cobalt-
rich alloys containing 0.25%C. The precipitate
dispersions are more stable in the cobalt-rich
alloys, with less rapid over-ageing than in the
nickel-rich alloys.

(5) Deformation of the Co—25 Cr—0.26 C alloy
produced faulting and hcp € phase. During ageing
after deformation, carbide precipitation occurred
in both the hcp and fcc phases; on prolonged
ageing after 10% deformation, carbide particle
coarsening occurred together with the fcc~hep
transformation of the matrix, in association with
recrystallization.
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